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Investigation of eutectic island formation in SX superalloys
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Abstract

We investigated whether the nucleation of the eutectic islands in superalloy solidification occurs in the interdendritic bulk liquid or at the dendrite–
melt interface. Directionally solidified samples of CMSX-4 and a model superalloy have been analysed by means of light and electron microscopy
and by EBSD measurements. For some samples, the solid–melt interface has been revealed by an artificial bubble technique. Additionally,
thermodynamic calculations on phase formation and nucleation work as well as phase-field simulations have been performed, using ThermoCalc
and MICRESS. The results indicate a kind of epitaxial nucleation mechanism at the solid–liquid interface of the primary� dendrites.
© 2005 Elsevier B.V. All rights reserved.
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. Introduction

Superalloys are class of alloys widely used for high temper-
ture applications. Due to the absence of grain boundaries sin-
le crystalline (SX) superalloys show great improvement over
ultigrained directional or equiaxed ones. SX superalloys com-
only are based on Ni with major additions of Al, Cr, Ta, Ti
nd W among others. The microstructure consists basically of

he� matrix and�′ precipitates. The superior high temperature
roperties are achieved due to the formation of large fractions
approximately 70%) of�′ [1]. Upon cooling the�′ phase pre-
ipitates coherently from the� matrix. Both phases have similar
rystal structures. The� phase has a disordered fcc structure
A1). The�′ phases is aL12 structure. The lattice misfit for both
hases is usually in the order ofδ = 0.2%, but depends on the
lloy composition. During solidification, the alloying elements
egregate heavily between the phases. The� phase is the pri-
ary phase in solidification. Typically, the�′ forming elements,

uch as Al, Ti and Ta, enrich in the melt, while the elements W
nd Cr are enriched in the� dendrites. Thus, towards the end of
olidification�′ starts to form large precipitates in the interden-
ritic regions[2]. This is commonly called the�–�′ eutectic, or
imply as eutectic islands, although it has been established that
he phase transformation is a peritectic one[4,5]. The interden-

of the cast part. Thus a solution and aging heat treatment is
after the solidification, the aim of which is to reduce the am
of interdendritic precipitates and reduce the microsegreg
[3].

The aim of the presented work is to investigate the me
nism of the interdendritic�′ formation. Four possible nucleati
sites for�′ are taken into account in our investigation. These
liquid and� bulk phases and the liquid–� interface, where�′
might nucleate either on the liquid or� side. In this work stron
evidence is presented that�′ nucleates from the existing�. Nu-
clei close or directly at the interface have the chance to grow
the melt. The subsequent growth into the melt will be faster
to the fast transport of solute, than the growth into the� phase
As �′ precipitates coherently from�, the crystal orientation
transfered from the parent phase to the new crystal. In
to evaluate the proposed mechanism, orientation relation
between the precipitates and the dendrites are investigate
mechanism is further examined with the aid of thermodyna
calculations employing the CALPHAD method, calculation
nucleation barrier and microstructure simulations.

2. Materials and experimental procedures
ritic �′ precipitates are undesired for the final microstructure Two different alloys have been used for the analysis of the in-
terdendritic phases, CMSX-4 and a model alloy, the composition
o
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f the alloys is given inTable 1. Cylindrical samples of 8 mm
n diameter where produced in an investment casting cl
f eight samples, directionally solidified in a Bridgman furn
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Fig. 1. The structure of the dendrites in this directionally solidified CMSX-4
sample has been revealed by an artificial bubble technique. The growing den-
drites can be clearly distinguished from the sphere like interdendritic�′ phase.

with a gradient of 4 K/mm and a withdrawal speed of 3 mm/min.
In order to reveal the morphology of the growing phases, an ar-
tificial bubble technique was used on some of the samples. This
was achieved by inserting a small ceramic part with the shape of
reverted cups into the wax pattern before the ceramic shell fabri-
cation. After dewaxing and firing the reverted cup remains in the
cavity. After the casting process the ‘reverted cup’ is filled with
melt. During the solidification, the dendrites grow into the ‘re-
verted cup’ while the volume shrinkage due to the solidification
will create an underpressure in the ‘reverted cup’. As feeding of
melt is hindered, eventually an artificial bubble forms. The melt
is sucked out and the dendrites appear from the liquid. After
cutting the sample carefully, the dendrites were investigated by
scanning electron microscopy.Fig. 1 shows the microstructure
of a CMSX-4 sample revealed by this technique. The dendrites
can clearly be identified. In the interdendritic regions the spher-
ical precipitates are attached to the dendrite arms, EDX analysis
has show that these are�′. From the image it cannot be deduced
whether the precipitates have formed in bulk liquid and settled
when the liquid was removed or nucleated at the dendrite liquid
interface. This will subject to further examination in the follow-
ing sections.

Samples were taken from the solidified material, polished
and carefully etched with CuCl2. The microstructure was inves-
tigated by means of optical and scanning electron microscopy
Additionally, the orientation and phase of the crystals in the
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Fig. 2. Light optical micrograph of a directionally solidified sample of CMSX-4
interdendritic phases.

of the dendrites and interdendritic region. The EBSD mappings
showed the presence of�, �′, no evidence for the appearance of
the� phase was found. The arrangement of phases cannot clearly
be identified, as the lattices of� and�′ are very similar the two
phases are unlikely to be clearly separated by EBSD measure-
ments. Nevertheless, on grain boundaries even slight deviations
between the orientations of grains could be measured. Primary
�′ precipitates always showed the same crystallographic orien-
tation as the surrounding dendrites. Thus, it can be concluded
that the crystal lattice of the dendrite and of the precipitate have
the same orientation.

3. Thermodynamic calculations

Thermodynamic calculations were done to investigate the se-
quence of phaseformation during solidification and to calculate
the driving force for the nucleation of�′ in the model alloy. The
ThermoCalc package and a thermodynamic database, which was
especially created for this model alloy by project partners[6],
were used for the calculations. Starting from the alloy composi-
tion, a Scheil simulation was performed in order to calculate the
temperature and the liquid composition at which the formation
of the �′ phase starts. Using the database it was found that a
tungsten rich BCC phase forms as the second solid phase. As
no evidence for the formation of major quantities of this phase
w d for
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icrostructure was determined using EBSD mappings. Fo
BSD measurement, the�, �′ and β phases were taken in
ccount. The phase is detected by comparing the line den

n the Kikuchi pattern, representing the lattice constants o
ample, with a predefined set of possible phases. Orienta
easured by detecting and evaluating the bands of the patt

he tilted sample. Several mappings were done on both a
ig. 2 shows an example of an interdendritic microstruct
he typical rosette like primary�′ precipitates can be observ
urrounded by secondary�′ which has precipitated from the�
ulk upon further cooling. EBSD mappings were done over p
.

s
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ere found in the microstructures, this phase was rejecte
he remaining calculations. Then�′ forms at 1572.17 K, the cor
esponding liquid composition is given inTable 1labeled a
omposition A. This point corresponds to the situation whe�
endrites have formed and only a small amount of liquid is

n the interdendritic region. The composition of the� matrix at
he phase boundary is given by the corresponding equilib
composition, labeled as composition B inTable 1. In the fol-

owing composition A in the liquid and composition B in t
olid will be treated separately to investigate the question w
′ can form upon further cooling.

Fig. 3shows superpositions of the lever rule calculations
he compositions A and B. The remaining liquid (composi
, solid line) starts to from� and�′ below 1572.17 K. At the
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Table 1
Composition of the investigated alloys in at%

Al Co Cr Re Ta Ti W Ni

CMSX-4 12.59 9.87 7.57 2.90 2.17 1.29 2.11 Balance
Model alloy 13.09 – 11.12 – 2.74 – 2.98 Balance
A 18.69 – 11.83 – 4.24 – 1.75 Balance
B 15.51 – 11.38 – 3.39 – 2.16 Balance

Fig. 3. Calculation of the lever rule transformation for the composition of the
interdendritic liquid (composition A, solid lines) and the corresponding solid
composition (composition B, dashed lines), as given inTable 1.

end of the solidification (1509.25 K) approximately 64%� has
formed. The result of the lever rule calculation for this compo-
sition B is given inFig. 3by the dashed lines. Here the solidifi-
cation is finished at 1572.17 K, and below this temperature we
see transformation of� to �′ with a slightly less slope than in
case A.

From these calculations, it can be concluded that�′ can form
in the interdendritic region from either the liquid bulk or the�
dendrites. In order to find out which of the sites possible for
nucleation are favoured, the driving force for the formation of
�′ for the nucleation sites are calculated.

4. Nucleation

The thermodynamic calculations show that it is possible to
form�′ from the melt or from the� phase, so both phases are pos-
sible parent phases for the nucleation of�′. In order to estimate
which is the favoured nucleation site, the work to form a critical
nucleus is calculated for four different nucleation sites. These
are the bulk liquid, bulk� and the�–liquid interface, where�′
might nucleate either on the liquid or the� side. In the case of
nucleation from the bulk is simply the nucleation of one phase
from another, while at the interface three phases are involved.

According to the classical nucleation theory as it is given
in standard text books[7], the work�G0 necessary to form a

critical radius is calculated by:

�G0 = 16

3
π

σ3

�g2 (1)

whereσ is the interfacial energy and�g is the driving force
for the formation of the new phase. The driving force can be
calculated from the Gibbs-energy diagram by a parallel tangent
construction, where�g corresponds to the distance between the
two parallel tangents[8].

As single crystal superalloys are highly pure alloys, a very
low concentration of heterogeneous nucleation sites in the liquid
bulk can be assumed. For the nucleation of�′ in � homogeneous
nucleation is widely accepted. For nucleation at the interface
heterogeneous nucleation has to be considered. The work to
form a critical nucleus�Ghet is therefore calculated:

�Ghet = f�G0 (2)

wheref is calculated from the wetting angleΘ:

f = 1

4
(2 + cos(Θ))(1 − cos(Θ))2 (3)

As the interfacial energy of the�–�′ interface is by a factor of
10 smaller than the solid–liquid interfacial energies, the cosine
of the wetting angle is around 0.5 andf becomesf = 0.156, for
nucleation on the liquid side of the interface. If�′ forms on the
� side,f becomes close to unity, so the critical work is almost
t
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he same as for homogeneous nucleation.
As the formation of�′ from � is the nucleation of a cohere

hase in the solid state, the effect of the strain energy
e accounted for. In this case total driving force in Eq.(1) for
ucleation becomes:

gtotal = �g − �gstrain (4)

here�gtotal replaces�g in Eq. (1). Thus, the strain energ
gstrain lowers the effective driving force. In their analysis
ucleation in a Ni–Al–Cr alloy[9] have estimated the stra
nergy from the shear modulus of pure nickel (µNi

shear= 1.2 ×
011 N m−2) and the lattice misfit:

gstrain ≈ 3.8µshearδ
2 (5)

A lattice misfit ofδ = 0.2% is used for the analysis here.
lloys the matrix phase might have a higher shear modulus

o the presence of solution strengthening elements. The
ffect is more pronounced.

The driving force is calculated as a function of tempera
sing ThermoCalc and the same database as in the pre
ection. Calculations were done for the compositions A a
or nucleation in the liquid, resp.� bulk and for composition A
or interfacial nucleation.
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Fig. 4. Work necessary to form a�′ nucleus as a function of temperature. The
superscripts indicate the corresponding nucleation sites, liq and� for nucleation
in the liq resp.� bulk, liq–� and�–liq for nucleation at the liq resp. the� side
of the interface.

The work to form a critical nucleus was calculated using
σ�′−liq = 300.0 mJ/m2 andσ�′–� = 10.0 mJ/m2 for the corre-
sponding interfacial energies.

The results are plotted as a function of temperature inFig. 4,
on a semilogarithmic scale. In the case of�′ nucleating from the
liquid bulk a higher liquidus temperature is found (∼1594.0 K),
thus the displayed curve goes up to higher temperatures.

In any case, the values decreases by orders of magnitude
for undercoolings�T = 4 K, compared to values of marginal
undercooling. The effect of the strain energy on the case of nu
cleation from the� phase can clearly be seen in a shift of the
curve to lower temperatures, the driving force in the temperature
range between 1571.0 and 1572.1 K is fully compensated by the
strain energy. This effect is expected to be more pronounced fo
higher shear moduli. The critical work for nucleation from the
liquid is two or three orders of magnitude larger than for nu-
cleation from the� phase, even for high undercoolings. This is
also the case for heterogeneous nucleation from the melt at th
interface.

For a given undercooling, it is found from the graphs that the
nucleation of�′ from � at the�–liquid phase boundary shows
the lowest nucleation barrier. This is consistent to conclusions
from the EBSD measurements.

5. Simulation of microstructure formation
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The simulations were done on a regular grid with a grid spac-
ing of �x = 0.2 �m and 75× 100 grid points. The same inter-
facial energies and thermodynamic database were used as in the
previous section. The simulation started at the entry to the�′
formation in the Scheil simulation, accordingly the liquid com-
position was set as given inTable 1for composition A and the
temperature to 1572 K. Initially, the� phase is the only present
solid phase. Nucleation of�′ was enabled in the interface and in
the� matrix, in both cases the� phase was the matrix phase. New
nuclei were set when an critical undercooling of�T = 11.0 K
for nucleation in the bulk and�T = 7.2 K for nucleation at the
interface, is reached. As stresses and strains are not calculated,
the effect of the strain energy on the nucleation is taken into ac-
count implicitly in the critical nucleation undercooling. The dif-
fusion coefficient in the liquid was set toD = 3.1 × 10−9m2/s,
which was estimated for the model alloy from the criticalG/v
criteria for the breakup of a planar front. For simplicity, only the
diagonal terms of the diffusion matrix for solid state diffusion
in the� phase were taken into account. These were calculated
with dictra and the mobility database from Ref.[12]. Only very
little data about diffusion in the�′ phase can be found, but a
lower diffusion rate in�′ can be expected. So the diffusion co-
efficients in the�′ phase were set one order of magnitude lower
than in�. Due to the much faster diffusion in the melt and the
short simulated time, it can be expected that solid state diffusion
plays only a very small role in the simulation.
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So far it was found that�′ is most likely to nucleate from
he existing� at the existing�–liquid interface. So the questi
emains whether and in which morphology�′ precipitates wil
row under these condition. This was examined by simula

he microstructure formation.
The multiphase multicomponent phase-field code MICR

as used to simulate the microstructure formation in the i
endritic region of a solidifying superalloy dendrite. In orde
ccount for solute transport, a multicomponent diffusion so

s coupled to the phase-field solver. In order to calculate the
ng force of the phase transformation and the partitioning o
lloying elements, a coupling to thermodynamic calculation

he TQ interface of ThermoCalc is used. A detailed descrip
f the phase-field model can be found in Refs.[10,11].
-

r

e

-

Results of the microstructure simulation are shown inFig.
. The images show the tungsten concentration mapping a
erent times of the simulation. The phases can be disting
y their tungsten concentration,� shows the highest tungst
oncentration (white region), while�′ shows the lowest (blac
egion) and liquid lies somewhere in between (grey region)
ially, only � and liquid exists. After 17.355 s the amount o�
as increased and�′ nucleates at the interface. After 17.50

he�′ precipitate has grown dramatically. The main growth
ccurred into the liquid bulk, while almost no growth into
bulk occurs, but it can be noticed that the amount of� has

educed significantly, in the regions around the�′ precipitate
rooves in the�–liquid interface can be observerd where th�
hase has dissolved, exhibiting a typical microstructure of a

ectic transformation. Because the diffusion in the liquid ph
s much faster than in the solid phases, the melt acts as a sh
or the solute transport. The�′ phase shows a spherical morph
gy. Finally upon further cooling (24.000 s)� and�′ grow from

he melt. The precipitation of secondary�′ in the� bulk has no
tarted yet at this point. From the microstructure simulati
hree regimes of�′ formation can be found. After nucleation�′
rowth is very rapid, the precipitate exhibits a spherical m
hology. The growth slows down when a certain amount o�′
as formed. In the following period not much phase trans
ation is observed, but the precipitates maintain the sph
orphology, the system equilibrates. In the microstructur

ealed (Fig. 1), the�′ precipitates are in one of these two sta
nd thus show a spherical morphology. After some time� and
′ start to grow at a moderate rate. The morphology of th�′
recipitates becomes rather elliptical. This complies to wh
een usually in the micrographs, like inFig. 2.
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Fig. 5. Results of microstructure simulations obtained by using the phase-field method. After the nucleation rapid growth of�′ can be seen.

6. Summary and conclusion

The formation of interdendritic�′ in single crystal su-
peralloys was investigate by microstructural analysis and
computational methods. Results indicate a spherical growth
of the precipitates into the melt while the crystal orientation
of the precipitates and the primary phase are the same. By
thermodynamical calculations it was shown that�′ precipitates
from � in the interdendritic regions, while the nucleation
barrier is the lowest for the nucleation of�′ from the solid
� matrix at the �–liquid interface. For the assumption of
a moderate undercooling, direct microstructure simulation
showed that spherical precipitated will form, which change
their morphology upon further solidification.

Although it is not possible to estimate from the presented
results, which is the correct undercooling for the nucleation,
strong evidence for the nucleation of�′ from � at the�–liquid
interface is found.
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